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Abstract

The tensile and dynamic mechanical properties of a nanocomposite, containing modified carbon nanofibers (MCNFs) homogenously dis-
persed in an elastomeric ethylene/propylene (EP) copolymer semicrystalline matrix (84.3 wt% P), have been correlated with the structure
development. These properties were characterized by in situ synchrotron X-ray diffraction during stretching, dynamic mechanical analysis
and X-ray analysis techniques over a wide temperature range. Upon sequential drawing, the tensile strength of the nanocomposite film was
notably higher than that of the unfilled polymer even though both samples exhibited a similar amount of crystal fraction and the same degree
of crystal orientation, revealing the effect of nanofiller reinforcement in the semicrystalline matrix. The mechanical spectra of the 10 wt% MCNF
filled samples in both stretched and non-stretched states showed broadening of the elastic modulus at high temperatures, where the correspond-
ing crystallinity index also decreased. It is conceivable that a significant fraction of chain orientation is induced in the vicinity of the nanofillers
during stretching, and these stretched chains with reduced mobility significantly enhance the thermal mechanical properties.
� 2006 Elsevier Ltd. All rights reserved.
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1. Introduction

Since their introduction [1] by Iijima in 1991, carbon
nanotubes and carbon nanofibers (CNT and CNF, respectively)
have become a subject of intensive research in the polymer
community. It is now well established that polymer nano-
composites based on CNT and CNF can exhibit superior me-
chanical properties [2,3], high electrical conductivity [4] and
advanced thermo-mechanical properties [4]. In particular, the
incorporation of CNTs and CNFs in thermoplastic polymers
by conventional melt mixing appears to be a practical way
for development of a new class of filled materials with unique
properties [5].
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The major challenges in the preparation of nanocomposites
containing CNT or CNF are two: (1) the manipulation of filler
orientation and (2) the control of filler dispersion. The subject
of nanofiller orientation has been addressed in several studies.
For example, without polymer, the alignment of CNTs can be
achieved by using chemical vapor deposition (CVD) methods
[6e8]. The post growth alignment techniques using selective
laser ablation [9], external forces such as microfluidic [10],
air flow [11], electric [12] and magnetic [13] fields have also
been reported. In the presence of polymer, a variety of tech-
niques have been demonstrated to promote the alignment of
nanofillers such as shearing of nanocomposite thin film
(through microtoming) [14], drawing a nanofiller suspension
(through a micropore filter) [15], electrospinning [16,17] and
mechanical stretching [18,19]. Homogenous dispersion of
nanofillers in the polymer matrix can be achieved by the
development of strong van der Walls bonding between nano-
fillers and polymers. In order to overcome the inherent
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incompatibility between nanofillers and the polymer matrices,
as well as to minimize the strong tendency of filler self-
assembly, chemical treatment of the nanofiller surface is often
necessary. It has been demonstrated that covalent attachment
of functional groups on the graphitic sidewalls of CNTs and
CNFs can promote their dispersion into the polymeric matri-
ces [20e23], thus, ensuring significant energy and load trans-
fer across the nanofillerematrix interface and enhancing the
mechanical performance of nanocomposites.

In this study, the chosen filler system was the CNF func-
tionalized by grafting of polypropylene to its sidewalls; the
matrix was ethylene/propylene (E/P) random copolymer
having dominant P content (84.3 wt%). The homogenous dis-
tribution of the modified-CNF (MCNF) in the EP matrix has
been confirmed in our previous studies [24]. We selected
CNF rather than CNT because surface of the former is easier
to modify e the CNF surface has a significant fraction of layer
edge defects due to the presence of tilted graphite layers with
respect to the CNF axis [25]. The choice of the EP copolymer
was based on the combined elastomeric and thermoplastic
nature of the material, which gives rise to interesting tensile
properties [26,27]. This thermoplastic elastomer consists of
hard segments based on isotactic polypropylene (iPP) crystals
and soft segments dominated by the amorphous EP copolymer
chains. The iPP crystals act as physical cross-links leading to
high strength at room temperature, but they can be melted en-
abling the easy processing of this material. It is thought that
the presence of a CNF scaffold can provide another level of
the network structure to enhance some mechanical properties.

Despite the considerable body of work reported on the me-
chanical reinforcement of elastomers [28,29] and polypropyl-
ene materials [17,30e32] with incorporation of CNTs and
CNFs, the relationships between the deformation mechanism
and the polymer chain dynamics of these filled materials based
on the semicrystalline matrix are still not clear. The deforma-
tion mechanism of the chosen nanocomposite system has been
the subject of a recent report by us [24]. The WAXD data were
obtained in situ during stretching at room temperature and
were analyzed with respect to the stressestrain curves of both
filled and unfilled samples. Results indicated that the polymer
matrix in the nanocomposite appeared to experience a reduced
stress compared with the pure polymer, which can be attrib-
uted to the efficient load transfer from the polymer matrix to
the MCNF. However, as the crystalline morphology (crystal-
linity and crystal orientation) of the filled and unfilled
polymers was not the same at room temperature, such a com-
parison might not be meaningful.

In this study, the stretching was carried out at a higher tem-
perature (e.g. 40 �C), where both crystal fraction and crystal
orientation in the resulting filled and unfilled samples can be
adjusted to similar levels. With such ‘‘stretched samples’’,
we have investigated the polymer chain dynamics in the vicin-
ity of MCNF where the chains exhibited non-bulk characteris-
tics. To achieve our goal, the combined tensile stretching and
dynamic mechanical analysis techniques together with synchro-
tron X-ray diffraction were used. The dynamics of polymer
chains in the nanocomposite was examined by considering
(1) the effect of sequential drawing with respect to the orienta-
tion of the nanofillers and the polymer crystals; (2) the mechan-
ical spectra of the filled and unfilled samples in both stretched
and unstretched states; and (3) the structure (i.e., crystallinity
and orientation) and mechanical property relationships over
a wide temperature range, e.g. from room temperature up to
complete melting.

2. Experimental

2.1. Materials and preparation

The EP random copolymer was provided by ExxonMobil
Chemical Company and is an experimental sample similar to
one of the commercial ‘‘Vistamaxx’’ specialty elastomers
[26]. The copolymer was synthesized with the aid of discrete
metallocene catalyst and had 84.3 wt% propylene content,
Mn¼ 9.6� 104 g/mol and Mw¼ 1.7� 105 g/mol. Carbon
nanofibers were provided by Applied Sciences with the trade
name of Pyrograf III, PR-24-HHT. The diameter of CNF
varied from 60 to 150 nm and the length was between
30,000 and 100,000 nm. No further purification on the CNF
was performed.

The chemical schemes for the modification of CNF by
grafting short polypropylene chains on the graphitic sidewalls
have previously been reported in detail [33,34]. In brief, a poly-
propylene-graft-maleic anhydride polymer purchased from
Aldrich (Mw¼ 9100 g/mol, Mn¼ 3900 g/mol, acid num-
ber¼ 47 mg KOH/g) was used as the grafting polymer. CNF
was first oxidized by a sulfuric/nitric acid mixture and then
reduced with sodium borohydride in absolute ethanol. The re-
sulting CNF sample and polypropylene-graft-maleic anhy-
dride polymer were dispersed in 1,2-dichlorobenzene and the
mixture was heated under stirring. The dispersion was filtered
in hot conditions and washed with warm 1,2-dichlorobenzene.
The filtered solid was placed in a soxhlet extraction apparatus
(until constant weight) to ensure the complete removal of un-
attached polymer. The recovered polypropylene-grafted CNF
sample was then dispersed in xylene by ultrasonication and
the EP copolymer was added in the hot dispersion. The mix-
ture was precipitated into cold methanol, filtered, and dried
in vacuum for a day. For comparison purposes, the identical
treatment was also applied for the pure EP copolymer. Based
on SEM examinations, CNFs were homogenously dispersed in
the EP matrix.

2.2. Instrumentation and experimental procedures

In situ time-resolved wide-angle X-ray diffraction (WAXD)
experiments were performed at the X27C beamline in the
National Synchrotron Light Source (NSLS), Brookhaven
National Laboratory (BNL), USA. The wavelength of the syn-
chrotron radiation was 0.1371 nm. Two-dimensional WAXD
patterns were collected using a MAR CCD (MARUSA,
Inc.), X-ray detector with a resolution of 1024� 1024 pixels
(pixel size¼ 158.44 mm). The acquisition time for each image
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was 30 s. The sample-to-detector distance was 111.7 mm. The
diffraction angle was calibrated by using an Al2O3 standard.

Uniaxial stretching of polymer/nanocomposite samples was
accomplished by using a modified Instron 4442 tensile appara-
tus equipped with a temperature chamber. This tensile appara-
tus allowed symmetric deformation of the sample at a constant
rate (the chosen rate was 10 mm/min in this study) and the
detection area on the sample remained constant in space.
The tensile samples were prepared by press molding of poly-
mer/nanocomposite granules at 150 �C under a pressure of
4000 kg/m2 for 3 min. The molded samples were quenched
by ice water. The samples were cut into dumbbell shape
with a length of 25 mm. The strain at time t was calculated
as (l� l0)/l0, where l is the length of the sample at time t
and l0 is the original length of the sample.

A dynamic mechanical analyzer (Rheometric Scientific,
model RSA II) was used to measure the tensile modulus of
the unfilled and the 10 wt% filled samples. The measurements
were carried out in a tensile mode, at the heating rate of 2 �C/
min, from room temperature to 80 �C, at a fixed frequency
of 10 rad/s (within the linear region of viscoelasticity). The
samples were cut in rectangular strips.

2.3. WAXD data analysis

Two-dimensional (2D) WAXD patterns were corrected for
incident beam fluctuations, and the air and instrument back-
ground scattering was subtracted from all measured patterns.
In order to convert the 2D flat-plate WAXD image into an
undistorted geometry in reciprocal space, the ‘‘Fraser’’ correc-
tion procedure was adopted [35]. In addition, the ‘‘halo
method’’ [36] was used to estimate the oriented and unoriented
fractions of polymer phases in the nanocomposite. The basic
assumption of the ‘‘halo method’’ is that the azimuthally inde-
pendent component of the total scattered intensity is directly
proportional to the unoriented portion of the sample. For
each azimuthal scan, the minimum value of the intensity is
considered as the intensity that arises from the unoriented
scatterers. The isotropic contribution thus obtained can be sub-
tracted from the 2D WAXD pattern, yielding the contribution
of the oriented scatterers.

Deconvolution of spherically integrated WAXD intensity
profiles (Fraser corrected) into the amorphous and crystalline
phases was carried out by the Peak Fit program. The shape
of the amorphous peak was obtained from the WAXD pattern
of the sample in the molten state, which was fitted with three
Gaussian functions. Additional Gaussian functions were used
to fit the crystalline peaks. This fitting procedure provided
the crystallinity index of the sample. The total crystallinity in-
dex XC

T can be estimated by the following equation:

XT
C ¼ 100%�XT

A ð1Þ

where XA
T represents the area percentage of the amorphous

contribution. The similar peak fit procedures were used to de-
convolute the intensity profiles of the oriented and unoriented
components of the crystalline phase (denoted as XC

O and XC
U,
respectively). Azimuthal scans of the diffraction peaks from
polymer crystals as well as MCNF were performed on the ori-
ented fraction of the 2D WAXD image. The azimuthal profile
was fitted with a Lorentzian function and the area was divided
by the corresponding peak height. The integral breadth (IB)
thus obtained was considered as a measure of the degree of
alignment for both polymer crystals and nanofillers along
the stretching direction.

3. Results

3.1. WAXD characterization of undeformed samples

The circularly averaged WAXD intensity profiles for the
undeformed unfilled and 10 wt% filled samples obtained at
27 �C (room temperature) and 40 �C are presented in Fig. 1.
Also included in this figure are the deconvoluted peaks of
these intensity profiles, which can be divided into amorphous
and crystalline fractions. At both temperatures, the deconvo-
luted crystal peaks indicate the coexistence of a-monoclinic
[37,38] and g-triclinic [39e43] forms of iPP crystals. For
example, the positions of the discrete reflections shown in
Fig. 1 can be indexed as a(110)/g(111) at q¼ 10.2 nm�1,
a(040)/g(008) at q¼ 11.8 nm�1, a(130) at q¼ 13.0 nm�1,
g(117) at q¼ 13.9 nm�1 and a(111)/g(202) at q¼ 15.1 nm�1

(we note that g(117) and a(130) reflections do not overlap
each other). The presence of g phase iPP crystals in P domi-
nant random EP copolymers has been reported earlier [43].
It was found that the content of g phase reached a maximum
value at about 15 wt% ethylene [43], which is close to the
composition of the chosen EP copolymer.

Several unique features were observed in Fig. 1. (1) The
fraction of g form crystals in the 10 wt% filled sample was
lower than that in the unfilled EP copolymer at both room tem-
perature and 40 �C. However, the percentage of total crystal-
linity index, XC

T, of the filled samples was slightly higher
than that of the unfilled samples. This behavior is consistent
with the well known behavior that carbon nanofillers can
nucleate crystallization of a-form crystals in iPP [44e46].
(2) The comparison of the intensity profiles at both tempera-
tures indicates that partial melting of polymer crystals took
place at 40 �C. (3) The peak at q¼ 18.4 nm�1 in the WAXD
profile of the 10 wt% nanocomposite corresponds to 3.4 Å
spacing, which can be attributed to the inter-shell spacing
[47e49] within the CNF structure (d002). The Bragg peak
that corresponds to d002 spacing is referred to as (002) reflec-
tion. The term is adopted in this work hereafter.

3.2. In situ WAXD during deformation
of unstretched samples

In situ WAXD results during stretching of the chosen nano-
composite at room temperature have been reported by us
recently [24]. Here, we present the WAXD data during first
stretching of this nanocomposite at 40 �C. The selection of
this particular temperature is for the following reason. Draw-
ing of both filled and unfilled samples (up to a strain of 6)
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Fig. 1. Deconvolution of the circularly averaged WAXD intensity profiles into amorphous and crystalline components. The WAXD patterns were acquired from the

unstretched state of the unfilled and 10 wt% filled samples at room temperature (ca. 27 �C) and 40 �C.
at 40 �C allowed the fabrication of the same level of mass frac-
tion for each crystal phase (i.e., a or g phase) and a comparable
degree of crystal orientation. The comparison of the results
from the filled and unfilled polymers thus becomes essential
for a meaningful understanding of the effect of nanofillers
(i.e. MCNF) on the polymer chain dynamics in nanocomposites.
We have also carried out deformation at other temperatures,
such as room temperature, 55 and 60 �C. However, the fraction
of the g phase and the degree of crystal orientation in both
samples could not be made the same at these temperatures.

The stressestrain curves and selected WAXD patterns
acquired during stretching at 40 �C of the unfilled and 10 wt%
nanocomposite unstretched samples are shown in Fig. 2. Upon
stretching, the WAXD patterns became anisotropic, indicating
the development of orientation for both polymer crystals and
MCNF along the drawing direction. The circularly averaged
WAXD intensity profiles of the highly stretched (strain¼ 6)
samples were compared with those of unstretched samples
in Fig. 3. On the basis of the integrated area ratio between
the g(117) and a(130) peaks, it can be concluded that the frac-
tion of the g phase decreases in favor of the development of
the a phase during stretching. In fact, no g phase was detected
at the end of stretching in both samples. The transition of g
to a phase of isotactic polypropylene during stretching has
been studied in detail for poorly crystallized polypropylene
pure
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Fig. 2. Stressestrain curves and selected WAXD patterns acquired during the

1st stretching of the unfilled polymer (unfilled circles) and the 10 wt% filled

polymer (filled circles) at 40 �C.
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Fig. 3. Deconvolution of the circularly averaged WAXD intensity profiles into amorphous and crystalline components. The WAXD patterns of the pure copolymer

and the 10 wt% nanocomposite were acquired during stretching (with strain up to 6) at 40 �C.
materials with elastomeric characteristics [50,51]. This transi-
tion has been attributed to the non-parallel chain structure of
the g phase, in contrast with the parallel arrangement of the
a phase. In particular, for the a phase, the succession of bila-
yers is such that the chain axes are parallel; whereas for the g
phase the chain axes tilt 81� of each other. The non-parallel
chain configuration in the g phase does not permit complete
alignment along the stretching direction and, therefore, g
phase is preferentially destroyed upon deformation.

The total and unoriented crystallinity indices (XC
T and XC

U,
respectively) are plotted as a function of strain in Fig. 4 for
both filled and unfilled samples. In these samples, the behavior
of mechanical induced ‘‘melting’’, i.e., the destruction of some
crystal phase, was evident at relatively low strains e the value
of XC

T decreased at low strains. Upon further elongation, the XC
T

value was found to increase while XC
U decreased with strain,

which suggests that strain-induced crystallization took place
where new oriented crystals were formed (as the oriented crys-
tallinity index increased). At the end of the stretching process,
both samples were found to possess about the same values of
total crystallinity (XC

T). The above results, together with the
observations of the a and g phase changes in Fig. 3 suggest
that the transformation from g to a phase is sequential, i.e.,
the destruction of the g phase followed by the formation of
the a phase, instead of going through a real phase transition.
Fig. 5 illustrates that the integral breadth (IB) of the hybrid
crystal peak a(110)/g(111) at q¼ 10.2 nm�1 decreased with
strain in both the samples. The IB value in the pure copolymer
was generally higher than that in the filled sample. However,
at higher strains, the degree of crystal orientation in both filled
and unfilled samples became the same, in spite of the fact that
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considerably higher stress was developed in the nanocompo-
site. This behavior indicates that the load transfer between
the matrix and the MCNF filler is quite efficient and the poly-
mer matrix experiences a reduced effective stress compared to
the bulk stress. In Fig. 5, the IB determined from the azimuthal
profile of the (002) reflection in MCNF also decreased with
strain, suggesting the increase of MCNF filler alignment dur-
ing stretching. Due to the large stiffness of the MCNF phase,
the extent of the nanofillers orientation was consistently lower
than the orientation of the polymer crystals.

In order to gain a better understanding on how one can ma-
nipulate the orientation of MCNF in the nanocomposite by
uniaxial stretching, the samples were also deformed at other
temperatures: 27, 55 and 60 �C. The IB values of the MCNF
component obtained in all stretching measurements are plotted
as a function of strain in Fig. 6a and as a function of stress in
Fig. 6b (the data at 55 and 60 �C were obtained up to the max-
imum strain of 23 and 8, respectively). It was seen that under
the same strain, the MCNF phase exhibited a narrower IB
value or stronger orientation at lower temperatures as a result
of the higher viscosity of the polymer matrix and the higher
corresponding stress. On the other hand, under the same stress,
MCNF exhibited stronger orientation at higher temperatures.
This observation underlines the effect of MCNFs on the me-
chanical reinforcement of semicrystalline polymers at elevated
temperatures, where the role of crystalline structure becomes
weak.

3.3. In situ WAXD during deformation of ‘‘stretched-set’’
samples

When the stretched samples were held at a constant strain
under tension and cooled down to room temperature, the
samples retained certain degrees of polymer crystal and
MCNF orientations. These samples can be considered as being
a ‘‘permanent set’’. For this purpose, a pair of filled and un-
filled samples were subjected to stretching with strain up to
6.0 at 40 �C and were cooled down to room temperature while
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for the unfilled sample) and the (002) reflection of MCNFs (squares) obtained

during stretching at 40 �C.
held at a constant strain and annealed for 1 h. The resulting
samples were referred to hereafter as the ‘‘stretched-set’’ or
‘‘stretched’’ samples. The stressestrain curves of the stretched
unfilled/filled samples obtained during uniaxial deformation
until break at room temperature are illustrated in Fig. 7. The
tensile strength of the stretched samples was significantly
higher than that of the unstretched samples (during first
stretching) at room temperature. The strong intensity distribu-
tion of the polymer crystal as well as MCNF reflections
(Fig. 7) is indicative of highly oriented structures. In both sam-
ples, the amount of unoriented crystals was low in the begin-
ning of deformation and rapidly approached to zero at higher
strains. This is seen in Fig. 8, where XC

T and XC
U are plotted as

a function of strain for both unfilled and filled samples. It is
interesting to note the absence of the strain-induced ‘‘melting’’
step at low strains (as seen in Fig. 4), which is probably
because the stretched samples did not contain a significant
fraction of defected crystals that could be destroyed upon
stretching.

The extent of orientation of both polymer crystals and the
MCNF was found to increase with strain, as shown in
Fig. 9. At the same strain, the polymer crystals in the unfilled
sample exhibited a degree of orientation slightly higher than
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that in the filled sample, despite the fact that the stress was
considerably lower in the unfilled polymer. This is consistent
with the notion that the polymer crystals experienced a reduced
stress in the filled copolymer due to the presence of MCNF or
an effective load transfer from the polymer matrix to MCNF.
The large difference in the tensile strength developed between
the two systems and the above results indicate a direct
correlation between the MCNF alignment and the extent of
mechanical reinforcement in the nanocomposites.
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3.4. Dynamic mechanical properties

The dynamic mechanical spectra of both filled and unfilled
samples, obtained at a heating rate of 2 �C/min, are presented
in Fig. 10. Selected WAXD patterns were also included in this
figure; they were obtained during heating of the samples from
room temperature. It was seen that the addition of MCNF
resulted in a significant increase (ca. 40%) in the storage mod-
ulus E 0 of the polymer matrix at room temperature and a 300%
increase at 75 �C. The dynamic mechanical properties of the
stretched samples were also examined and the values of
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storage modulus E 0 for all four samples are illustrated in
Fig. 11. It is apparent that the stretched samples, both filled
and unfilled, exhibited superior mechanical performance in
comparison with the corresponding unstretched samples.

The overall enhancement of the dynamic mechanical re-
sponse by MCNF in stretched and unstretched states is illus-
trated in Fig. 12, where the tan d values for the four samples
are plotted as a function of temperature. It was seen that
upon heating, the tan d value gradually deviated from the base-
line established at low temperatures. Among the four samples,
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the temperature at which the deviation occurred exhibited the
lowest value for the unstretched unfilled sample (w37 �C),
followed by the stretched unfilled sample (w40 �C), the
unstretched filled sample (w42 �C), and the stretched filled
sample (w44 �C).

The crystallinity indices for the four samples, determined
by WAXD experiments during melting, are presented in
Fig. 13. The stretched filled sample, which exhibited the
best dynamic mechanical performance, also possessed the
highest crystallinity index over the entire temperature range.
On the other hand, the unfilled unstretched sample exhibited
the poorest dynamic mechanical performance and also had
the lowest value of XC

T at all temperatures. The stretched un-
filled sample exhibited a higher value of XC

T at low tempera-
tures in comparison with the unstretched filled sample, but
this trend was reversed at higher temperatures. At 70 �C, the
unstretched unfilled sample was totally molten, the stretched
unfilled sample had XC

T ¼ 0.8%, the unstretched filled sample
had XC

T ¼ 1%, and the stretched filled samples had XC
T ¼ 2%.

Therefore, we can conclude that the increase of crystallinity
due to the presence of nanofillers is an important attribute to
enhance the dynamic mechanical property, especially at the
melting zone of the copolymer. Moreover, the observation
that a detectable amount of crystals in the filled sample was
stable at temperatures above the nominal melting temperature
of the unfilled sample indicates that the effect of MCNFs on
the polymer crystallization probably exceeds the typical role
of a conventional nucleating agent. It implies the events of
polymer chain adsorption on the nanofiller surface and the
entropy restraints by the presence of MCNF become domi-
nant, which is discussed below.

4. Discussion

4.1. Polymer chain dynamics in MCNF nanocomposites

Any reasonable comparison between the viscoelastic re-
sponses of the stretched and unstretched samples must take
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into consideration the following observations: (1) the melting
temperature of stretched polymer crystals (Tm,d) is higher than
the melting temperature of the unstretched polymer crystals
(Tm,u) according to the relation [52,53]

1=Tm;d ¼
�
1=Tm;u

�
�
�
DSdef=DH

�
ð2Þ

where DH is the heat of fusion that should be independent of
deformation and DSdef is the difference of the entropy between
the undeformed and the deformed states of the polymer crys-
tals and (2) the absence of the g phase in the stretched sam-
ples, in contrast to the unstretched sample. It is known that
the thermal stability and the mechanical properties of the g
phase are lower than those of the a phase of iPP. Therefore,
the differences in the dynamic mechanical spectra and the
melting behavior between the filled and unfilled samples in
their unstretched states cannot be directly attributed to the
differences in the polymer chain dynamics. This is because
(1) the content of the g phase in the filled sample is lower
than that in the unfilled sample and (2) the presence of
MCNF may induce a certain degree of crystal orientation
even in the unstretched samples. Both of these factors can
contribute to the superior thermal stability and rheological
performance of the unstretched filled sample.

On the other hand, the comparison between the filled and
unfilled samples in their stretched states can be simplified be-
cause (1) the content of the g phase in both samples is low
(almost zero), such that the effect of the g phase on the overall
melting process can be neglected and (2) the orientation of the
polymer crystals induced by mechanical stretching should far
exceed the local orientation of chains in the vicinity of MCNF.
In fact, the extent of crystal orientation and the amount of
oriented crystals are the same (within the error of the measure-
ment) for both filled and unfilled samples under stretched state
at room temperature, whereas the superior thermal stability
and enhanced rheological performance of the filled sample
can be directly related to the interface between polymer chains
and MCNF.

Fig. 14a illustrates the polymer crystal orientation fraction
(i.e. the percentage of oriented crystals in the total crystalline
phase) determined upon heating of the filled and unfilled
samples in their stretched state. At room temperature, both
samples exhibited the same amount of crystal orientation frac-
tion. However, at high temperatures, the crystal orientation
fraction was consistently higher in the unfilled sample than
in the filled sample. Moreover, the integral breadth of the crys-
tal peak corresponding to the hybrid a(110)/g(111) reflection
exhibited a lower value in the unfilled sample than in the filled
sample (Fig. 14b). This observation indicates the existence of
a notable amount of unoriented crystals in the filled sample at
elevated temperatures. For the unfilled sample, upon gradual
increase of temperature, some unoriented crystals were seen
to melt first, followed by the melting of some oriented crystals,
which can be explained by Eq. (2). The same trend was also
seen in the filled sample, but in this case, surprisingly, a signif-
icant amount of unoriented crystals were stable at high
temperatures.
The relationship between the oriented and unoriented crys-
talline fractions was displaced in favor of the unoriented crys-
talline fraction in the filled copolymer when compared to the
unfilled one. Moreover, the mechanical spectra of the filled
sample were significantly enhanced in the melting zone of
the polymer. These effects are consistent with the hypothesis
that the dynamics of polymer chains are retarded in the vicin-
ity of the nanofiller (MCNF) interface. It is conceivable that at
high temperatures, the mobility of the polymer chains remains
restricted around the nanofiller interface, an effect that may
favor the crystallization of the adsorbed chains into unoriented
configurations. In this respect, the superior mechanical perfor-
mance in the unstretched state can be correlated with the
higher crystallinity in the filled sample. In addition, the total
crystallinity of the stretched filled sample was found to be
higher than that of the unstretched filled sample at elevated
temperatures (Fig. 13), which is consistent with the mechani-
cal spectra shown in Fig. 11.

In this study, we demonstrate that mechanical stretching is
an effective means to fabricate a set of filled and unfilled
samples with the same crystallinity, crystal phase and crystal

0.7

0.8

0.9

1.0

20 30 40 50 60

filled
unfilled

cr
ys

ta
l o

rie
nt

at
io

n 
fra

ct
io

n 

20

30

40

50

60

70

20 30 40 50 60 70

MCNF
filled copolymer
unfilled copolymer

in
te

gr
al

 b
re

ad
th

 (a
.u

.)

(a)

(b)

T/ °C

T/ °C

Fig. 14. Temperature dependence of (a) the oriented crystal fraction (filled

circles for the filled sample, open circles for the unfilled sample) and (b) the

integral breadths corresponding to the hybrid a(110)/g(111) reflection of the

polymer crystals (filled circles for the filled sample, open circles for the

unfilled sample) and the (002) reflection of MCNF (squares). These values

were determined during heating of the filled and unfilled samples in the

stretched state.



6806 A. Kelarakis et al. / Polymer 47 (2006) 6797e6807
orientation. Such samples enabled the investigation of polymer
chains surrounding the nanofillers in nanocomposites contain-
ing semicrystalline polymer matrix. It was found that the
broadening of the high temperature side of the storage modu-
lus peak took place, which has also been reported in a nano-
composite containing CNT dispersed in poly(vinyl alcohol)
[54] (Tg region) as well as in other polymers filled with parti-
cles of high surface area [55]. Recent results from molecular
dynamics simulations [56] indicated that the retardation of
the polymer dynamics near the nanofiller interface can be
attributed to the densification of the polymer chains in the
adsorbed layer on the filler interface. Although the specific to-
pography of a structured surface dictates the local configura-
tion of polymer chains on the surface, the overall chain
dynamics are governed by the polymer chains being trapped
within the surface energy wells as well as the chain relaxation
that occurs by migration of chains to the neighboring wells.
Recently, a gradual change of the polymer dynamics ap-
proaching the nanofiller interface has been proposed [57] to
rationalize the shift of the glass transition temperature (Tg)
of the filled polymer. Taking into account the large surface
area in MCNF, a significant portion of the polymer chain
near the interface must exhibit the non-bulk characteristics,
which would affect the overall viscoelastic response of the
composite. In other words, the decreased chain mobility of
the polymer chains near the MCNF interface is responsible
for the broadening of the high temperature side of the storage
modulus peak, which in turn contributes to the decrease of the
tan d value.

4.2. Tensile properties and MCNF orientation

It is clear that strong bonding between CNF and the poly-
mer matrix is essential for the mechanical reinforcement of
the polymer nanocomposite. For the semicrystalline polymer
matrix, it has been argued that the presence of a crystalline
polymer layer along the CNT can strongly enhance the load
transfer [58]. Moreover, the presence of a crystalline shell
around the MCNF could increase their effective aspect ratio
and further enhance the reinforcement effect [59]. In the pres-
ent study, our results indicated that at the same deformation
a higher stress developed in the filled nanocomposites, but
the amount of the strain-induced crystallinity and the degree
of crystal orientation were lower in the composite than in
pure sample (Fig. 9). This suggests that the polymer matrix ex-
perienced reduced stress as a result of the efficient load trans-
fer to MCNFs. In this report, the role of nanofillers to the
tensile properties was found to be more pronounced at ele-
vated temperatures. There is experimental evidence [60],
based on tensile data obtained below and above the Tg of
two different matrices that this behavior reflects the increased
mobility of the polymer chains, which suppress the motional
restrictions of the nanoparticles. Within the melting zone of
the polymer however, additional effects such as enhanced
crystallinity (see above section) should also be considered.

The degree of nanofiller orientation is another critical
parameter that dictates the tensile performance of the
nanocomposite materials. This is seen in Fig. 7, where the
tensile modulus and strength of the highly stretched filled
copolymer are significantly higher than those of the stretched
unfilled sample. Upon mechanical stretching, the degree of
nanofiller orientation depends on the applied deformation
and also on the developed stress (Fig. 6). Although the degree
of MCNF orientation in the stretched sample is not so high, the
partially oriented MCNF network could maintain its alignment
upon melting of the polymer matrix (Fig. 14b). The four sam-
ples studied exhibited very different tensile properties (Fig. 7),
but their storage modulus was quite close to each other
(Fig. 11). This observation underlines the large difference in
the mechanical performance of the materials, when examined
under linear and non-linear viscoelastic conditions.

5. Conclusions

The mechanical performance of the MCNF-reinforced
elastomeric EP copolymer is greatly affected by the degree
of nanofiller orientation. By varying the stretching parameters
(e.g. draw temperature and strain), a set of stretched filled/un-
filled samples, containing similar crystallinity, crystal phase
(a) and crystal orientation could be fabricated. These samples
allowed the direct comparison of mechanical properties and
chain dynamics between the filled and unfilled samples, thus
revealing the effect of nanofiller on the semicrystalline poly-
mer matrix. The mechanical spectra of the stretched filled
samples showed pronounced broadening on the high tempera-
ture side of the storage modulus, which was also consistent
with the increase in crystallinity. Results of this study indi-
cated the reduced mobility of polymer chains in the vicinity
of MCNF interface. The reduced mobility of the interface
chains is responsible for the superior viscoelastic response of
the nanocomposites; it is also responsible for the enhanced
thermal stability of the oriented and unoriented polymer
crystals.
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